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I. SUMMARY

This program constitutes a fundamental study of the mechanical properties of microelectronic thin

film materials. The work is supported by AFOSR Grant No. 89-0185. We are interested in the

microscopic processes that lead to stresses in microelectronic thin films and control the mechanical

properties of these materials. Our work ranges from studies of interconnect metals, passivation

glasses and heteroepitaxial thin film semiconductors.

During the past year we have used the laser scanning, wafer curvature technique to study the

kinetics of crystallization of amorphous silicon. When a thin film of amorphous silicon

crystallizes, it also densifies and that causes the tensile stresses in the layer to increase. These

stresses in turn cause the substrate on which the amorphous layer is deposited to bend. This

bending can be detected by the laser scanning technique. Thus it is possible to measure the

development of stresses in the film and the kinetics of the crystallization process. We find the

tensile stress in the film to increase by about 500 MPa when crystallization occurs. This is a very

large stress that could have significance for device processing and applications. By measuring the

kinetics of this stress change at different temperatures we have been able to measure the activation

energy for the crystallization process. We find an activation energy of about 3 eV. This compares

favorably with other measurements of the kinetics of the amorphous to crystalline transformation in
silicon. We expect these results to have relevance to the kinetics of regrowth of amorphized silicon

layers.

We completed our work on the diffusion of water in phosphosilicate glass (PSG) films during the

past year. As reported previously, the swelling associated with the sorption of water into a glass

film causes compressive stresses to develop within the film. The measurement of these stresses as

a function of time and at different temperatures permits a study of the kinetics of the water

diffusion process. We have measured the diffusion of water into and out of PSG at different

temperatures, for different phosphorous contents and for different structural states of the glass.

For a sorption experiment on an initially dry glass film, the apparent activation energy for diffusion

is found to range from 0.40 to 0.45 eV for different P contents. By comparison, the kinetics of

desorption is very much slower. We find that water diffusion in PSG can be treated

phenomenologically as if the diffusion coefficient were concentration dependent, with the

diffusivity increasing with increasing water content. Alternatively, diffusion of water in the glass

appears to be faster if some water is already present in the glass, perhaps indicating that

monomolecular water layers are present on the "internal surfaces" in the glass and that these layers

provide easy paths for diffusion of additional water.



Failure processes that occur in patterned thin films depend sensitively on the distribution of stress

in these structures. During the past year our finite element study of stresses in patterned structures
was extended to passivated structures and to metal lines that are permitted to deform by both elastic
and plastic deformation. We find that the stresses in these structures depend sensitively on the
dimensions and properties of the passivation materials and on the constitutive behavior of the
metals involved. We have also developed a model of interconnect metal cracking during the past
year. The model envisions a small void in a metal line that is capable of growing by diffusion. We
consider that matter diffuses along grain boundaries from the void to distant parts of the line where
hydrostatic tension stresses are present. The model gives a good account of many of the
characteristics of metal cracking that have been reported in recent years. In particular, it predicts
that the failure time for a given metal line depends strongly on temperature, on the hydrostatic
stress in the line (or equivalently on the difference between the passivation temperature and the
actual temperature) and on the grain size.

Our work on misfit dislocations during the past year has been focussed on methods for inhibiting
the formation of misfit dislocations. We have shown that unstrained silicon capping layers greA y
inhibit the formation of misfit dislocations in Si-Ge heteroepitaxial thin films. We have also found
that RSP Si-Ge layers typically contain large amounts of oxygen and that the dissolved oxygen
present greatly inhibits the dislocation glide processes that are involved in the formation of misfit
dislocations. MBE grown Si-Ge layers typically contain much smaller amounts of oxygen and
consequently are much more susceptible to misfit dislocation formation. A special effort was made
to grow RSP Si-Ge layers with low oxygen contents; the resulting films were, like the MBE films,
much more susceptible to misfit dislocation formation. These results strongly suggest that solid

solution strengthening by oxygen (or perhaps by nitrogen) represents an effective method for

inhibiting the formation of misfit dislocations in heteroepitaxial structures.

The presentations and publications that have resulted from this work are listed at the end of this

report. Three Ph.D. degrees will be granted under this program in the coming year.



II. RESEARCH REPORT

A. Crystallization of Amorphous Silicon

F.J. von Preissig (Graduate Research Assistant)

1. Introduction

Phase transformations and related structural changes in thin solid films constitute a rich and

technologically important area of study. As is well known, a density change associated

with a thin-film transformation results in a stress change. Under the right circumstances, it

should be possible to derive information about the kinetics of the transformation by

monitoring film stress as a function of time and temperature. This idea has been applied to

the crystallization of TaSi2 and WSi 2 films with some success.[1]

Another transformation of interest is the conversion of amorphous silicon (a-Si) to

polycrystalline silicon (polysilicon). This transformation occurs by a nucleation-and-

growth process that is interface-controlled, rather than diffusion-controlled, since no

compositional changes are involved. Atoms in amorphous silicon are mostly four-fold

coordinated, as in crystalline silicon, but bond-angle and bond-length distortions result in a

lack of long-range order.[2] The strain energy of these distortions drives the crystallization

reaction.[3] This reaction has previously been examined using X-ray diffraction,[4,5]

transmission electron microscopy,[6,7] and electrical conductivity measurements.[8] The

kinetics and growth morphology -",ere found to depend on film-formation conditions,

impurity content, underlying material, and film thickness. Polysilicon formed from a-Si

has better electronic mobility and a smoother surface than deposited polysilicon and is

produced at temperatures compatible with glass substrates, making it a good material for

the active region of thin-film transistors (TFTs).[6,9] TFrs are used for large-area

applications such as liquid-crystal displays and image sensors, and they have potential use

in three-dimensional ICs.

This report briefly explores the feasibility of using stress measurement as a tool to study a-

Si crystallization and other thin-film transformations. The experiments described are an

application of the high-temperature capabilities of the stress-measurement system.
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Cystallization Kinetics

The kinetics of solid-state transformations that occur by a process of nucleation and growth

of a reorganized form of material in the original material is a long-studied area of materials
science. Isothermal transformations are often described phenomenologically by the Avrami
equation [10]

X =1-exp(-KtN), (1)

where X is the fraction of material transformed, t is time, and K and N are constants that

depend on the nucleation rate, the velocity of the interface between transformed and
untransformed regions, and the growth morphology. If the process is not dependent on
long-range diffusion, then 3 < N 4 for three-dimensional growth and 2 < N 3 for two-
dimensional growth. The lower number of these ranges corresponds to the case of a
constant number of nuclei, the upper to the case of a constant nucleation rate per
untransfomed volume. Crystallization in a thin film would approximate a two-dimensional
process if the final grain size were much larger than the film thickness. The derivation of
Eq. (1) is based on the following assumptions: nuclei exist at spatially random locations,
the nucleation rate per untransformed volume is constant or decreases with time, and the
interface velocity is constant, but not necessarily isotropic. Equation (1) yields a sigmoidal
(S-shaped) X-versus-t curve. Sometimes it is necessary to replace t in this equation with t -

to, where to is the incubaion drne.[11] The incubation time is roughly defined as the time it
takes for the first stable nuclei to form, and it is often inversely proportional to the

nucleation rate.

Crystallization Stress Changes

For an amorphous-to-crystalline transformation of a thin film in which no plastic
deformation takes place, we can write

e -e =
3 pa (2)
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where e is biaxial strain, r is density, and the subscripts "c" and "a" stand for crystalline

and amorphous, respectively. The stresses in the fully amorphous and crystalline films are

a, = Bae, and

ac= =Bcec, 
(3)

where B is the biaxial modulus. Unless the individual grains in the polycrystalline film are

all oriented with dIe same polysymmetric axis of elastic symmetry perpendicular to the

substrate, the stresses may vary from grain to grain and with direction in a grain, with s,

and Bc in Eqs. (3) being average values. (The silicon films in this study are known[5] to

crystallize with a very dominant (111) orientation, so the conditions of uniformity and

polysymmetry are satisfied.) The stress change resulting from the complete transformation

is

A't= a.c - r. (4)

For partially crystallized films, we will make the assumption that the local stresses in the

amorphous and crystalline regions are given by Eqs. (3). Then the average (measured)

stress is

r=(1- X)a + XaC

= a, + XAaj . (5)

Hence,
Aa - a -', = XAatt, (6)

i.e., the measured stress change at any point in the transformation is proportional to the

fraction of material transformed. Thus, stress measurement can be used to monitor

crystallization through Eq. (6) if there is a sufficient density change, there are no other

sources of stress change, and the assumption about local stresses is approximately correct.

Other kinds of transformations could be treated similarly.

The density change associated with the transformation is [from Eqs. (2) and (3)]

PC PS =3(eea) = 3(.cL J.

3



3. £mn

A film of non-hydrogenated amorphous silicon 1000 A thick was deposited onto a silicon

wafer having 730 A of thermal oxide by low-pressure chemical vapor deposition (LPCVD)
at 570"C using pure SiH4 . (The deposition was done by Xerox PARC personnel.) The
wafer was then cut into standard-size samples. After the stress-system furnace was pre-
heated to 5800, 6000, or 620'C, samples were inserted and stress changes were measured

over time on argon.

The stress changes are shown in Fig. 1. The data curves are quite smooth, in spite of the
measurements having been made on very thin films at high temperatures. The stress moves

in the tensile direction as the transformation proceeds, indicating that the polycrystalline
form of silicon is denser than the amorphous form. A small amount of post-transformation
stress change is visible, but its rate is so small that the stress relaxation occurring during the
transformation can probably be safely ignored. The value of Dstol for each of the curves
is near 506 MPa. We can use this information to roughly quantify the density change using
Eq. (7). If we assume that s. is zero (this may be reasonable since there should be

negligible thermal stress), then sc equals 506 MPa and we do not need to know Ba. Taking
B, as the value (2.14V10- 5 MPa) for (111)-Si at 6000, Eq. (7) yields a density increase of

0.7%. The actual value of B, is probably smaller than assumed due to the presence of
grain boundaries, making the actual density change proportionally larger than calculated.

Assuming that the stress change is proportional to X in accordance with Eq. (6), the
sigmoidal form of the curves in Fig. 1 is expected. The transformation rate at first

increases with time as the total amorphous-crystalline interface area increases, then

decreases due to the impingement of growing crystallites with each other and with the film
boundaries, and finally approaches zero as the transformation approaches completion.

4
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Fig. I Stress changes associated with the crystallization of amorphous-silicon films at

three different temperatures. Film thickness is 1000 A.
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The rate of transformation increases with temperature. In order to quantify the effect of

temperature on transformation rate, the times for X = 10%, 50%, and 90% were noted for

each temperature. The reciprocals of these times, or of the differences between them, are
measures of transformation rate and are shown plotted in Arrhenius form in Fig. 2. The

incubation period, if one exists, is included in t10% but not in the time differences. The

activation energy for post-incubation transformation is given by both (t5O -tljO%)- 1 and

(tow-ti0) 1 as 3.06 eV. This is in close agreement with the value, 3.2 eV, obtained for

this material by X-ray diffraction measurements.[5] The larger effective activation energy

for t0 -
1% suggests that an incubation period exists and that the activation energy associated

with it is higher than that of the post-incubation transformation. This notion is in general

agreement with X-ray results that give an activation energy of 3.9 eV for t0 -1.[5] This

quantity is probably the activation energy for nucleation. The activation energy (3.06 eV)

associated with transformation, however, cannot be ascribed to a single physical process

since it is affected by differences in the number of nuclei as well as by differences in

interface velocity. For comparison, the activation energy for (100)-epitaxial regrowth of

silicon amorphized by ion implantation has been reported as 2.7 eV.[3]

The three transformation curves have in a sense the same shape, as illustrated in Fig. 3.
Here time has been transformed by linear functions so that t10% and t50% coincide for each

temperature. When this is done, the entire curves (after incubation) superimpose almost
exactly. This property indicates that the ratio of crystallization rates for two temperatures at

a given extent of transformation is constant over the whole transformation. It is the reason

that E = 3.06 eV was obtained the two different ways.

6



Transformation Times

-2

0 -4

-5 - U t5W - 1109% E =3.06 eV
A t9o% - Ii % E =3.06 eV
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T-' (10~ K-1)

Fig. 2 Arrhenius plot of reciprocal transformation times for a-Si crystallization, from the
data of Fig. 1. tx= time at which fraction X of the material is transformed. E = activation
energy.
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Fig. 3 Curves of Fig. 1 made to superimpose by the application of a linear function (t'=
c1t + c2) to the time variable for each temperature.
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According to the Avrami equation including incubation [Eq. (1) with t iE t - to], a plot of In
ln[(1 - X)-1] versus ln(t - to) is a line with slope N. Figure 4 shows the data for the 5800
crystallization experiment, for X = 2% to X = 98%, plotted in this way. But to is unknown
since it is not possible to determine tXAEO accurately from the data, and there is some
uncertainty about the effect of the initial thermal transient. The incubation time is assumed
to be zero for one of the curves and 40 minutes for the other. The line fitted through the to
=0 curve yields an effective value of 3.42 for N, but the curve is not very linear, its slope
varying from about 2.4 to 4.2. Using to = 40 gives approximately the most linear plot,
with an average slope of 2.45. For this curve, the slope is about 2.0 at the ends and has a
maximum value of 2.6. We may conclude from this analysis that uncertainty in to
precludes accurate determination of the constant N and that the data does not behave in
close accordance with the Avrami equation. In fact, the Avrami equation would not be
expected to apply to this case since the average grain size is known[5] to be roughly 2000
A, which is neither much smaller than h (1000 A) (3-D growth) or much larger than h (2-D
growth). But the lack of applicability of the Avrami model does not invalidate the
comparison of transformation rates using the stress data.

4. Recommendations for Future Work

Elastic relaxation at the boundary between regions having different stress would affect
stresses near the boundaries, compromising our assumption about local stresses having

either a "transformed value" or an "untransformed value." A more sophisticated model
relating measured stress change to fraction transformed that takes this into account should

be formulated. Also, models could be corroborated by other methods, such as TEM and

conductivity measurements.

More can be learned about transformation kinetics if nucleation and subsequent growth can

be analyzed separately. One way to do this would be to make extensive use of microscopy,
but this defeats the objective of having an analytical technique that is easy to use. In some
material systems, it may be possible to control nucleation so that growth processes can be
analyzed. Ion implantation has been used to inhibit nucleation in a-Si films.J5] If small
selected areas are shielded from this implantation, these areas should crystallize first and

serve as artificial "nuclei" for subsequent lateral growth.

9
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Avraml Plot

I 5800C Crystallization

* to 0 min

a to =40Omin

-2-

N= 2.45

-3* N=3.42

-4
3 4 5 6
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Fig. 4 a-Si crystallization data plotted in a manner that would result in a straight line with
slope N if the equation X = 1 - exp[-K(t - :0)N] were satisfied, for two different assumed
values of to. X = fraction transformed, t = time, to = incubation time, and K and N are
constants.
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Measurement of film stress as a function of temperature using substrates having different
CT1Es can be used to calculate the biaxial modulus of films.[12] Applied to films before
and after transformation, this technique could yield values of B for use in calculating
density changes by Eq. (7).

5. Summary

The process of crystallization in amorphous-silicon thin films was monitored by in-situ
stress measurement, based on a model in which the measured stress change is proportional
to the fraction of material transformed. The density increase accompanying this phase
change was determined to be about 1%. Comparing transformation rates at different
temperatures yields an activation energy for post-incubation growth of 3.06 eV and
provides evidence for an incubation process having a higher activation energy. The
kinetics of the transformation does not appear to follow the Avrami model well. The stress
technique has proved to be a convenient method for monitoring the kinetics of a-Si
crystallization, and it could be applied similarly to the study of other thin-film
transformations. However, the technique does not by itself yield very specific information
about transformation mechanisms, and its theoretical underpinnings could be improved.
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B. Interaction of Phosphosilicate Glass with Water
FJ. von Preissig (Graduate Research Assistant)

1. Introduction

Phosphosilicate glass (PSG) and other silicate glasses are materials that have numerous

uses in IC technology.[1,2] Deposition methods and properties of these films have long

been subjects of active study.[3-5] In integrated circuits, PSG is typically used in two

forms. At its lowest level in the IC structure, it is deposited and then annealed at about

1000°C to fuse and flow the material. The resulting layer is intended to insulate electricity-

conducting structures from each other and provide a surface smooth enough to ensure the

continuity of subsequently deposited conductor lines. This layer is also a getterer of

harmful alkali ions and provides other forms of chemical protection. At higher levels,

above nonrefractory conductor materials such as aluminum, the glass has the same

insulating and protecting roles but must remain unfused. The uppermost glass layer has the

additional function of providing mechanical protection to the underlying circuitry,

especially during chip separation and packaging operations. Borophosphosilicate glass

(BPSG) is increasingly replacing PSG in some applications, due to BPSG's lower flow

temperature, lower stress (as deposited), and favorable etch-rate characteristics. [6]

Although PSG is used to provide protection against contaminants in ICs, in its unfused

form it does not guard well against the negative effects of water. Water easily penetrates

plastic packaging, picking up other contaminants, and may then pass through cracks and

other defects in an outer silicon nitride passivation layer.[7] Some water may already be

inside as a by-product or contaminant of the fabrication process. Water diffuses fairly

easily through PSG layers, under some conditions[8] leaching out phosphorus to form

phosphoric acid. The corrosion of conductor lines by phosphoric acid and by other

13



mechanisms[9] involving the water molecule is a significant reliability problem. The

presence of water can also cause metal deposition problems,[ 10] threshold voltage shifts

and transconductance degradation in MOSFETs,I1 1 and stress-corrosion cracking of

glass.[12] Because of these potential problems, there is technological motivation for

studying the interaction of PSG and related materials with water.

Soon after investigators began measuring stresses in deposited films of SiO2 and other

silicates, they noticed a reduction in tensile stress over time, sometimes leading to

compression, when the films were exposed to air or other humid environments.[13-16]

The stress change was accompanied by an increase in water and hydroxyl (OH) content,

and it was found to be at least partially reversible in dry environments and at elevated

temperature. The phenomenon can be described as a swelling of the film, constrained in

two dimensions by the substrate, due to the sorption of water into the film. After a high-

temperature fusion treatment, film density increases by several percent [8,17] and water

penetration is almost completely inhibited,[8] indicating that porosity of the as-deposited

films is what allows the sorption to occur. (Here "porosity" is taken to mean an openness

of structure in some sense.) The pores are apparently too small to be imaged clearly,

however, in optical or electron micrographs of IC structures. Expansion of bulk samples

of a very porous glass (Vycor) occurring with sorption of water has been examined.[ 18]

This expansion was attributed to a "spreading pressure" acting on the surfaces of the pores

and resulting from energy decreases associated with the adsorption of molecules.[ 19] In

thin films also, swelling may be due to internal-surface-energy lowering, but the

phenomenon has also been attributed to a breakdown of the silicate structure due to the

formation of silanol (Si-OH) groups.[ 13] Although the exact mechanism is not known, it

is clear that water can be absorbed into PSG films and that this process causes the film

stress to change in the compressive direction. It should therefore be possible to monitor the

sorption process under different conditions and as a function of time by measuring stress,

14



provided all other sources of stress change are inhibited or accounted for. This report

describes experiments in which aspects of PSG-water interaction were inferred from

changes in film stress as a function of time, temperature, ambient gas, phosphorus content,

and pre-annealing conditions. The diffusivity of water in PSG was the principal object of

the experiments, but sorption and desorption behavior helped shed additional light on the

chemistry of the interaction and on the structure of PSG as well.

2.DifsoMoe

The model used to analyze sorption of water into the PSG films is presented here. As

illustrated in Fig. 1, a film of thickness h is attached to an impermeable substrate. The

initial concentration of diffusant (water) is uniform through the film. At time zero the

concentration at the surface (u = 0) is reset to a new level based on chemical equilibrium

with a changed environment, and is held constant. The concentration profile changes until

ultimately the diffusant concentration is again uniform, at the new level. The total amount

of diffusant in the film at a given time is called m. The diffusion coefficient, D, is assumed

in this model to be constant. Under these conditions, the way in which m changes over

time is given by the equation[21]

m (t) - m(O) 1= - 8 -2____ DI
m(oo)-m(O) (2i 2h

If it is assumed that changes in film stress are proportional to water concentration, then

o(t)- o(O) Aa
a(-o)-a(O) Aa.

I,. ML hiJ' (2)
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where ois the film stress, averaged over the thickness of the film, Ds is the stress change,

and Ds. is the stress change for the sorption reaction taken to completion. If this model is

realistic, then Eq. (2) can in principle be used to calculate water diffusivities based on stress

measurements made over time on films exposed to an environment that changes the

equilibrium water concentration. McInerney and Flinn[221 used used this technique to

determine diffusivities in CVD PSG and SiO2 films exposed to high humidity at various

temperatures. Their stress measurements were made at room temperature.

3. Sortion Experiments

The model described above was applied to the analysis of sorption experiments carried out

on the PSG samples. The experiments were conducted as follows: Immediately after

removal from a desiccator, the nominally dry sample was measured (in most cases) for

curvature at room temperature and then inserted into the furnace. The furnace was at 1100,

1300, or 150 0C with argon flowing at this time. After a few minutes, enough time for the

temperature of the sample to stabilize, a "time zero" curvature measurement was made and

the gas was switched to steam, which flowed at about 3.5 cc/sec. Curvature was measured

periodically under these conditions until approximate saturation was reached, i.e., when

curvature apparently had ceased changing. These experiments were conducted at each of

the three temperatures for each of the three film compositions. The films containing 5 wt%

phosphorus were thinned to about 3000 A using a buffered oxide etchant prior to drying

and sorption so that saturation could be approached in a reasonable period of time.

A typical sorption result is shown in Fig. 2. Here stress is plotted versus the square root of

time for a 3%-P film exposed to steam at 1100. (To compensate for delay in changing from

argon to pure steam in the sample compartment, 1.3 minutes was subtracted from the time

data for all experiments. This value was chosen because it smoothed out an initial tail in the
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Fig. 1 Boundary conditions and concentration profile for a one-dimensional diffusion

model used to analyze sorption in thin films.
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data for all experiments.) As expected, stress moves in the compressive direction with

time. The curved line represents a least-squares best fit of Eq. (2) to the data, with the

initial stress, final stress, and diffusion coefficient used as fitting parameters. The data is

quite smooth, and the fit is good, but not perfect. The initial linearity of the curve arises

from the tl 2 dependence of m that would proceed indefinitely for sorption into a semi-

infinite medium. For a finite slab, deviation from this relation is only about 1.2% by the

time half of the total change in diffusant content has occurred, but the influence of the

impermeable boundary increases until eventually the material is essentially saturated and the

curve becomes level.

The fitting of Eq. (2) to the sorption data yields a value of D, but since the fit is imperfect,

this value would be affected by variations in the spacing of the data points. Regions denser

in points would tend to fit more closely, and the relative spacing of points did differ

between experiments. Another method of calculating D, still based on Eq. (2) but

independent of point spacing, was used in order to yield more consistent values. With the

time at which DsIDs. equals 1/2 defined as tir, Eq. (2) gives D as

D = 0.197h2/t 2. (3)

Ds was known from experiment since the sorption reaction was taken essentially to

completion, well past times at which Ds/Ds. = 99% for the fitted curve. To get t/2 from

the data, a central region of data was fit with a polynomial equation for smoothing and

interpolation, and ri2 was evaluated from this equation. Insertion of experimental trt2

values into Eq. (3) yields effective diffusion coefficient values.
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Fig. 2 Stress versus square root of time for a film exposed to steam in a sorption

experiment. Squares are data points. The solid line is a fit of Eq. (2) to the data.
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The diffusion coefficients obtained by this method are displayed in an Arrhenius plot in

Fig. 3. Diffusivity increases by a factor of roughly 1.8 per 200 temperature increase, and it

decreases by a factor of approximately 2.8 (at 1300) per I% increase in phosphorus

content. Although the temperature range is small, the data seem sufficiently well-behaved

to extract activation energies for each film composition using the fitted lines. The calculated

activation energies vary from 0.40 eV to 0.45 eV, increasing slightly with phosphorus

content. These energies are fairly low compared to those of other diffusive processes in

solids, probably indicative of the ease of passage of water molecules through the pores in

the glass. Other reported activation energies for water diffusion in PSG range from 0.41

eV to 0.52 eV.[22,23] For comparison, the activation energy for the parabolic rate

constant (diffusion controlled) for thermal oxidation of silicon in wet oxygen is 0.71

eV.[24] Perhaps relevant to porous-glass diffusion is the isosteric heat of adsorption of

water onto silica surfaces, reported as 0.57 eV/molecule at low surface coverages and 0.46

eV at high surface coverages.[25] The decrease in D with increasing % P correlates with a

known density increase with % P for as-deposited PSG films,[3,20] which in turn is likely

related to the viscosity-lowering function of phosphorus and other elements added to

SiO2.[261

One hypothesis for explaining the correlation between diffusivity and density is as follows:

Imagine the PSG structure as a distribution of pores (bubbles, gaps, tunnels, etc.) of

various sizes contained in a dense matrix material. Much of the water resides in the larger

pores, but movement between these pores occurs through constricted interconnections
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Fig. 3 Arrhenius plot of diffusion coefficients, obtained by the sorption-stress method, of

water in PSG films. E = activation enegry, Do = preexponential factor. Experiment

teprtures are 1100, 1300, and 1500C.
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between them. The energy required for a water molecule to squeeze through the

constrictions is higher for smaller constrictions. The experimentally measured activation

energy would be an average of such energies. Now, in a denser structure, the average

interconnection diameter is smaller, resulting in a higher activation energy. Furthermore,

there are fewer passageways large enough to allow water to pass through them at all. This

decrease in the opportunities for travel for a water molecule could cause the preexponential

factor, Do, to be lower, as was observed. In classical models of diffusion,[271 Do is

proportional to the molecular vibration frequency, which would not be affected by density,

and to the fraction of diffusant molecules that are in a position to make a traveling jump.

Hence, if densification affects porosity in such a way that interconnection passability

decreases relative to water concentration, Do decreases. This seems realistic; densification

could pinch off a large number of already-small constrictions while having relatively small

effect on the total surface area available for adsorption of water molecules.

4. Annelin Effects

A set of samples with films containing 3 wt% P were annealed at 4300C (also the

deposition temperature) in argon before undergoing sorption tests in steam at 1500. The

diffusion coefficients obtained are shown plotted in Fig. 4. Diffusivity decreases as a

function of annealing time, rapidly at first and by a factor of 2.6 for the 30-minute anneal.

This suggests that the deposition rate and deposition-furnace residence time, which were

carefully controlled in this study, would have a significant effect on film diffusivity.
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Fig. 4 Diffusion coefficients obtained from sorption experiments at 150°C on films first

annealed at 430C. The film contained 3 wt% phosphorus.
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5. Desorption Experiments

Figure 5 shows what happened when a 3%-P film, saturated in steam at 110 0C, was

exposed to pure argon at the same temperature. As water desorbs, the stress changes in the

tensile direction. Under the assumptions of the diffusion model, the stress changes for

sorption should have exactly the same time dependence [given by Eq. (2)] as those for the

corresponding sorption experiment. But a best fit of the diffusion equation to the sorption

data does not fit well at all. The experimental curve can be described as "rounder" than the

equation curve (and sorption curve). The experimental curve has an initial linear regime,

but it is shorter. A "saturation" level, if it exists, is not approached as sharply. Other

differences between sorption and desorption behavior are illustrated in Fig. 6. The speed

of reaction, and apparently the ultimate stress change, are dramatically different, even

though the temperature is the same. The sorption curve reaches approximate saturation in

about 2.5 hours, but after 82 hours the desorption curve has still not leveled off. Even so,

the desorption curve seems to be approaching some stress level much lower than the initial

dry state.
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Fig. 5 Desorption behavior of a previously saturated film (3 wt% P) in an argon ambient

at 1 100C. The solid line is a best fit of Eq. (2).
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These differences can be explained qualitatively by invoking the idea of a concentration-

dependent diffusion coefficient. Figure 7 shows sorption (A) and desorption (C) curves

(from Ref. 21) computed on the basis of a diffusion coefficient that increases exponentially

with concentration, along with the curve (B) corresponding to Eq. (1). As with the

experimental data, the variable-D desorption curve is rounder and less steep than the

constant-D curve. The variable-D sorption curve, on the other hand, has a larger linear

regime and is steeper. These comparative features hold for any monotonically increasing

D-versus-c function.[211 Hence the apparent variability of D is probably a reason for the

shape of the desorption curve. But then it remains unexplained why the sorption behavior

resembles curve B more than curve A. The proposed existence of tightly bound water

molecules (or their reaction products) can explain why desorption at 1100 does not come

close to reversing the sorption stress change in experimentally accessible periods of time.

This tightly bound water might diffuse so much more slowly than the rest that it would be

effectively immobile. Higher temperatures would drive off more of this water due to

increased diffusivity and also due to increased thermodynamic driving force for de-binding.

It should be possible to extract information about relative diffusivities from desorption

stress measurements, but the strategy employed must be different from the one that was

used for sorption because of the form of the desorption curves. Another method that can

be applied to data following Eq.(2) involves measuring the slope of the curve where stress

change is approximately linear with respect to 12. Let us define this slope as y, i.e.,
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Fig. 7 Curves for diffusion in a sheet in terms of dimensionless parameters for constant

and variable-D cases. For sorption, the initial concentration is zero and the saturation

concentration is co. For desorption, these states are reversed. DY is the average diffusion

coefficient. Curve B represents Eq. (1).
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It can also be shown that by Eq. (2), D is related to y by the following relation:

D = 0. 78 5(LJf. t, Aa- )(5)

For sorption and desorption involving concentration-dependent diffusivity, such as

illustrated in Fig. 7, a similar relation holds, assuming Ds is proportional to Din:

,A ' (6)

where the constant of proportionality depends on the function D = f(c) and whether the

reaction is sorption or desorption. This relation can be used as a basis for a new

comparison of the diffusivities of the 430P-annealed samples discussed earlier. Post-

saturation desorption data at 1100 yielded y values for each film. Assuming the effective

Ds. was constant for this set of samples, (yh) 2 is proportional to D by Eq. (6). In Fig. 8,

a plot of (yh) 2 versus annealing time is superimposed on the plot of Fig. 4, which gives D

values based on sorption results. The trends are similar, indicating that (yh)2 is indeed a

measure of diffusivity. The annealed-sample points can be made to align quite well, as

shown, but then the unannealed-sample points do not coincide. This difference might

reflect a real difference in diffusivity, since the unannealed sample used for desorption had

not been dried at 3000C like the others. The drying treatment may have had more of an

effect than was indicated earlier by sorption tests. In fact, the desorption method may in

some cases yield more reliable comparisons of diffusivity than the sorption method. For

desorption starting from a saturated state, unlike sorption starting from an incompletely dry

state, the initial concentration is uniform and reproducible. However, the effective value of
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Ds. may not be practically determinable for desorption, so diffusivity comparisons can only

be made among conditions for which Ds. can be assumed to be constant or can somehow

be estimated accurately.
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Fig. 8 D calculated f-rm 1 0*C-sorption data and (yh)2 from 1 I00C-desorption data

versus prior annealing time at 4300C for 3-wt%-P films.
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6. S n=mna=

A series of experiments was conducted in which stress mesurements made on

phosphosilicate glass thin films under a variety of conditions were analyzed to yield

information about the interaction of the films with water. Deposition rate, deposition

temperature, and deposition-furnace residence time were approximately equal for all films,

and the films were kept in a dry environment until used. Stress changes occurring during

exposure of the films to steam at one atmosphere pressure at various temperatures were

analyzed on the bas;- of a sorption model in which the diffusion coefficient of water was

assumed constant and stress changes were assumed proportional to water concentration.

The resulting values of D decreased with increasing phosphorus content and yielded

activation energies of 0.40-0.45 eV for diffusion. Diffusivity decreased markedly as the

result of annealing treatments at the deposition temperature (430C) and above. Direct

measurements of water content by moisture evolution analysis revealed that water

concentration changes had a larger effect on stress at low concentrations than they did at

higher concentrations, contrary to what had been assumed. However, sorption data re-

analyzed in terms of this new information yielded D values that differed by a constant form

those calculated originally. Experiments involving sorption in environments in which the

partial pressure of water vapor was less that one atmosphere indicated that diffusivity

increased with water concentration, again contrary to assumption. Despite flaws in the

model used for analysis, the various sorption experiments conducted appear to have yielded

valid information about relative values of average diffusion coefficients. Desorption stress

data was shown to have a very different form from sorption data, explainable in part in

terms of the concentration dependence of diffusivity. This data was also used successfully

to determine diffusivity trends. A qualitative description of PSG and its interaction with

water was developed to explain the various experimental observations. In this model,
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water is contained in and moves through pores in PSG. The pores and their

interconnections have a distribution of sizes, and the average size can be decreased by

annealing. "Water" in the film exists in forms having different chemical structures, binding

energies, mobilities, and effects on stress. Infrared spectroscopy performed on samples

subjected to various treatments confirmed that some of the sorbed water reacts with the

glass to form hydroxyl groups in at least two ways and that some forms of moisture can be

baked out more easily than others.
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C. A Model of Void Growth in Encapsulated Metal Lines

A.I. Sauter Graduate Research Assistant)

1. I ucto

A model has been developed to predict void growth in encapsulated metal lines under

stress, based on a grain boundary diffusion mechanism. The model is a synthesis of two

others: a simple line model which is valid at long times but breaks down at t = 0, and a

sphere model which is valid at short times but places unrealistic limits on the void size at
long times. The combination model brings together the best elements of each of the other

two for a complete description of void growth in an encapsulated line. Void size and time-
to-failure data from the literature are compared with the model predictions.

2. Simple line Model

The Model

As a first approach to the problem of a void growing in an encapsulated line under a

hydrostatic tensile stress, consider the case of a void nucleus situated on a grain boundary
in an infinitely long metal line (Figure 1). The stress in the line is relieved at the location of

the void nucleus, resulting in the establishment of a stress gradient between the void and

other points in the line. This in turn results in a vacancy concentration gradient, and thus a

chemical potential gradient for vacancies, which causes them to diffuse toward the void. It
is assumed that grain boundary diffusion dominates, and lattice diffusion is neglected.

Because of symmetry, we consider only the right half of the line. In the steady state, the

flux of vacancies in the grain boundaries can be written:

Jv=- 2 SDgb da

dkT dx (1)

where Dgb is the grain boundary diffusion coefficient, 8 is the grain boundary thickness, d

is the grain diameter, and kT has its usual meaning.

Any spatial variation in the vacancy flux at a point in the line results in the accumulation (or

depletion) of matter at that point. We imagine that the line is rigidly passivated, so that the
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addition of matter at any point in the line relieves the hydrostatic stress. Therefore the rate
of mass accumulation is related to the stress relaxation rate in the following way:

do =- Bf2- dJ- (2)

dt dx
where B is the bulk modulus of the line, and Q2 is the atomic volume of aluminum.

Differentiating (1) and substituting into the previous expression results in a Fick's-Second-

Law-type governing equation:

do 2 5Db B d;(~(3)

Wih heiitaladtbudary coditosax )=0,ada- )=cix )=2  hWith the initial and boundary conditions o(O,t) = 0, and Ooo,t) = o(xO) = ao, the

solution to this equation is the familiar error function:

cy=cOoerf(2-K=j (4)

where K = 2BQ8Dpb
dkT

The rate of void growth at any time is related to the vacancy flux at x = 0 thus:

dV = -2Jv(tR2)K2, (5)
dt

with the factor of two coming in because we now consider diffusion from both halves of
the line. Substituting for Jv (1), differentiating o with respect to x and evaluating at x = 0,

we have

dV = 41R 2 0D, o
dt dkT 1,7Kt (6)

Equation (6) may be integrated to obtain the void volume as a function of time.

Model Predictions

In order to graphically depict the results of the model, the following parameters are used:
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ao = 600 MPa

x-R=1lpm

8Dgb = 5x10- 14 exp(8 84,000 .1

B=79 GPa

fl=1.66x10-
29 m3 2

k = 1.38x10 - 23 J / mole K3

where D.,, B and Q are properties of aluminum.

Figure 2 shows the volume growth rate of the void as a function of time. This figure clearly

shows the main difficulty of this model, namely that the growth rate has a singularity at t -

0. Thus, while the growth rates at longer times may be reasonable, at short times this

model is unrealistic. This singularity means also that the model overpredicts void size and

stress relaxation, since the model overpredicts the amount of void growth that occurs

initially. The growth rate at longer times varies by about a factor of 50 for a grain size

variation of an order of magnitude.

While this model may be useful for predicting long time growth rates, the singularity in the

growth rate at t = 0 makes short time predictions unreasonable. In addition, the void size

and stress relaxation are overpredicted for all times due to the initially infinite growth rate.

The singularity arises because the boundary condition a(0,t) = 0 is incompatible with the

initial condition a(x,0) = a0 . These two conditions result in an initially infinite stress

gradient at x=O. In order for this to be a useful formulation of the problem, a boundary

condition that does not induce singular behavior is needed.

In the next section we consider a model for the behavior of a void in an encapsulated line

under stress at short times, with the idea that the stress profile resulting from such a model

can be used as a boundary condition to remove the singularity from this calculation.

3. Void Growth at Short Times

TheMod

In order to model the initial stages of the growth of a void in a body under hydrostatic

stress, we consider a sphere of material with a small void nucleus at its center. Figure 3

shows such a sphere. In (a), the sphere is stress free at temperature To. If the outer
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boundary (r = R) is fixed and the temperature is lowered to T<To, a hydrostatic tension
stress, oo, develops in the sphere (b). This stress tends to cause the void to grow. Imagine

that the sphere is first released from its constraint (c), and then the void grows. This results
in a displacement of the outer dimensions of the sphere if the body behaves incompressibly

(d). If the sphere is then elastically stretched to fit its constraint, the stress required to be
applied to the sphere is smaller than ao (e). Thus the growth of the void reduces the

hydrostatic stress.

We initially assume that this material is incompressible, so that the volume of material is

unchangeable. Then a simple viscous flow law for the sphere can be written as

don- =2T aa2 dr (7)
r4

where t' is the viscosity, a the current void size, and a the current void growth rate.

Integrating, subject to the condition that the surface of the void is traction free (i.e.

a.r(r=a)= 0), and evaluating at r = R >> a, we find

an.(R)=2- . (8)
3 a

Equation (9) provides the relationship between the far field stress and the void growth

rate.for a given void size.

If we now imagine that the outer boundary of the sphere is rigidly fixed at R, then the

growth of the hole must be elastically accommodated by the body. Thus

dV dV dV (9)
dt sphere dt elastic dt void

i.e. the total volume change must be zero, so hole growth results in elastic compression of

the sphere. Since the first term on the right hand side of equation (9) is related to the stress,

and the second term is related to the void size, we have

da 3Bj.a2  (10)

Differentiating Equation (8) gives

do 2r d (,a (1)
dt 3 dta).
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Recognizing that ia 2 -3da3 , equations (10) and (11) can be solved simultaneously to3 dt

give expressions for void size and stress as functions of time:

a0 0 + B ( r 5 ) 3

0o exp - 9°o + B/ 3Jt + B ) 3  (12)

(equation (12) is simply converted to void volume through multiplying by 4n/3)

and o=00o - B( 3 o e) 02 0+- +B( /---I)+B .1)

We now define

d3kT(
T 42= 42 5Dgb,'14

in order to incorporate a grain boundary diffusion mechanism into this model. The right
hand side of equation 14 is from a diffusional creep equation given by Frost and Ashby 4.

Model Predictions

The values of the parameters used in the line model also apply here. Note that the distance

used in calculating the stresses in the line model is the same as the radius of the sphere in
this model.

Figure 4 shows the void volume as a function of time, for d= 0.25 pmn and various initial
void sizes. This plot illustrates the main difficulty with the sphere model, that void growth

is limited due to the limited volume of material.
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In the line model, when the stress at R is fully relaxed there is still a driving force for the

void to continue to grow, since there is still a hydrostatic stress farther down the line. In the
sphere model, when the stress at R is relaxed, the void stops growing. The limit on void

size is given by the limit of V as t -0-:

V=V o + 4 XR3 --. (15)3 Bt

This corresponds to 3.6x10- 20 m3 for ao = 100 nm, as can be seen in Figure 4. This is

merely 0.7% of the volume of the sphere. Unless the grain structure in a line is such that
continuous grain boundary paths are blocked every linewidth (i.e. a bamboo structure), the

void would continue to grow after the stress at R was relaxed by draining vacancies from
farther along the line. Thus if the line has long continuous grain boundary paths, the sphere

model is not valid.

The sphere solution is useful for predicting short time behavior, but in general, a void in a
line would be able to grow larger than the sphere model predicts. The line model, on the

other hand, is valid at long times but breaks down at t = 0. Thus we now use the stress
profile predicted by the sphere solution as a boundary condition in the line model, in an

effort to avoid these problems.

Since the stress vs. time at R relation is somewhat complicated, for the purposes of the

boundary condition we will approximate it with a simple exponential, thus:

C = O exp - + B( tJ. (16)

We define the coefficient of t in the exponential as A. Using this stress will greatly simplify

the task of combining the sphere and line models. It was found that using this simplified

stress profile did not introduce any significant error into the model.

4. The Combination Model

Derivation of the Model

In this case we envision an infinitely long cylinder of passivated material, with a void

nucleus located at x = r = 0 (Figure 5). The radius of the cylinder is R. At x = R, the stress
is given by equation (16), and the far field stress is ao. This is the same geometry as the
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line model, but the boundary condition at x = R is from the sphere model. This removes the
singularity arising from the boundary condition in the line model, at the same time avoiding

the limited growth problem with the sphere model. At zero time, the stress is everywhere

ao, and the governing equation is the same as in the line model, i.e.

do d2 a
"-=K d''2" '(7.56)
dt dx'

2Bfl8'D b
where K = dkT . As in the line model, the assumption is made that a continuous grain

dkT
boundary path exists in the cylinder, and that the void nucleus is located on a grain

boundary. This problem is solved using Laplace Transforms5 . Unfortunately, the

expression for the stress cannot easily be deconvoluted, but we nevertheless can obtain an

expression for the void growth rate since this depends on the gradient of the stress:

du(R,t) 2a A a -AA

dx =TAM exp(-At) J expWx)d. (17)
0

Though this is not easily solved, the expression exp(-At) j exp(. 2 )d is known as
0

Dawson's integral, and has been tabulated6. Thus it is possible to evaluate equation (17),

and obtain the stress gradient at R as a function of time.

The void growth rate is obtained analogously from the line model:

dV 4xRCIStDgb C 0 [ rAl

Rt d gb 60cK exp(-At) f exp(X . (18)

This void growth rate becomes valid at times when vacancies are being drained from places

in the line past x = R. The growth rate for the combination solution is zero at time zero

because there is no contribution to void growth from that far along the line initially. As the

void grows, vacancies begin to drain from farther along the line, and the flux at R

increases, so the combination model growth rate increases. Eventually, the growth is

dominated by diffusion along the line. At long times the combination solution approaches

the simple line solution. This means that the exponential boundary condition removes the

singularity, but that long time behavior is essentially unchanged.
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In order to describe the void growth rate at all times, the following procedure is used. At

time zero the initial void growth rate is taken to be that of the sphere solution, i.e.

dV(t = 0) 6n,~oa3(= 0- (19)
dt 11

The combination solution is assumed to be accurate as soon as it is (a) falling

monotonically with time, and (b) smaller than the initial void growth rate. A polynomial fit
to the initial part of the combination solution and the growth rate at t=O describes the
growth rate at intervening times. An example of this is shown in Figure 6. In this way the
short time behavior of the sphere model and the long time behavior of the simple line model
are unified to form a complete description of void growth with time.

Model Predictions

One of the most important quantities that the void growth model should be able to predict is
failure time. This is calculated first by fitting the log (growth rate) vs. time curve with
piecewise polynomials (Figure 6). The result is then numerically integrated.

The time to failure is defined as the time to reach a certain volume. We will choose the
failure volume to be such that a = R/2, i.e. Vf= 5.236x10 -19 m3 for R = 1 gim. Thus a

quarter of the cross sectional area of the line has been taken up by a void. While a void of
this size would not short circuit a line on its own, it could certainly be troublesome when

combined with electromigration.

Failure times have been calculated for a variety of temperatures, grain sizes, and deposition
temperatures, using ao = 50 nm. In these calculations, we use a = 0.26(3BAAT), a

relationship predicted by finite element calculations.

In Figure 7, the log of the failure times for a deposition temperature of 500*C versus
temperature has been plotted. We would like to be able to describe the dependence of the
failure time on temperature and grain size in a simple way, in order to make predictions for
cases other than those calculated. The lines through the calculated points in Figure 7 are an
equation of the form

D
logtf = A + Blog(d) + Clog(AT) +-. (20)

T
The best fits to the data are found when A = 7, B = 1, C = -2, and D = 4226.
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Equation (20) can be written

tf = 107 dAT-2 exp( 2.30 3 * 42 2 6 ). (21)

In this form, it can be seen that D is an activation energy. Rewriting 2.303*4226 as Q/R,

we find that Q = 80.9 kJ/mole. This is very close to the activation energy for grain

boundary diffusion that was used to calculate the failure times, i.e. 84 kJ/mole.

AT can be written as 0.26*3BAa. Then we can write the time to failure as a function only

of stress, temperature, and grain size:

Lf CY2 19.2 ep80,900)d 10 exp( ) (22)

Figure 8 shows the simple Arrhenius relationship of the quantity t f a-2 for all of the casesd

calculated.

_Carisons to Data

Data of Smith et. a17

Smith and others 7 used a thermal wave technique to image voids as they grew at elevated

temperatures in encapsulated lines. They reported void size vs. time data for two specimens

held at 400*C. They did not report the passivation material, thickness, or deposition

temperature, but gave line aspect ratios of 2.0 and 2.8. The lines were aluminum-

l%silicon, and they reported a very small grain size, i.e. 0.05 microns. If we assume a

stress of 125 MPa in the w/h = 2.0 line and a stress of 94 MPa in the w/h = 2.8 line, we

can predict the void size vs. time data quite well. Those stresses correspond to a deposition

te rature of about 5000C

Figure 9 compares Smith's data with the predictions of the model. The agreement is good

for w/h = 2.8. In the w/h = 2.0 case, the data are very scattered so the model does better at

longer times that initially. Smith used the model of Yost8 to describe his data. The fits look

similar to this model, but the Yost model uses the activation energy as a fitting parameter.

This makes it quite simple to fit to data, but it is difficult to determine the mechanism. The

best fits to Smith's data for the Yost model give about the activation energy for grain
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boundary diffusion in the case w/h = 2.8, but in the narrower line the activation energy
found is 25% larger than that for grain boundary diffusion in aluminum. This model is
superior because we can predict the void size with one mechanism for both cases.

Data of MacPherson and Dunn9

MacPherson and Dunn9 subjected a number of samples to aging tests between 100*C and
200°C, periodically testing them for failure. The samples were aluminum-l%silicon lines
with grain sizes "< 1.2 microns," 3-6 microns wide and passivated with silicon nitride at an

unknown temperature. They reported normalized creep rate vs. aging temperature, the

former being defined as the inverse of the time to 20% failure divided by the maximum of
this quantity in the temperature range.

Figure 10 shows the data of MacPherson and Dunn compared to the model. We assume a

grain size of one micron, and a deposition temperature of 2 1OC. The location of the peak

in creep rate is accurately predicted, but the width of the peak is apparently narrower than

that measured. However, given the scatter in the two points at 150C, it is possible that the

peak should be narrow as predicted.

The only way to widen the peak is to lower the activation energy. MacPherson and Dunn

used their model to describe their data. They used an activation energy 25% lower than that

of grain boundary diffusion in aluminum and were able to predict the width of the peak.

Given the scatter in the data, this model does a good job of predicting failure of these

samples.

5. Cocuin

A simple model of void growth in an encapsulated line based on grain boundary diffusion

of vacancies along the line is valid at long times, but breaks down at t = 0. A model of void

growth in an encapsulated sphere gives the correct behavior at short times, but is not

accurate at long times. Combining the two, by using the stress profile of the second as the
boundary condition in the first, produces a model valid for all times. The times to failure

predicted by this model were found to follow the simple relation

tfd = 1019.2 exp 80,900 (23)
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where the activation energy is about that of grain boundary diffusion.

The model successfully predicts a variety of data from the literature. Authors presenting
void growth and failure data need to report the materials, geometry, grain size, and

passivation deposition temperature for their samples, so that accurate comparisons to

models may be made. The grain boundary diffusion mechanism explains data that were

previously modeled with other unexplained activation energies. Since the model can make

predictions based on a single mechanism, it is superior to previous models that use the
activation energy as a fitting parameter.
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Figure 4. The void volume vs. tune according to the sphere model, at x = R, d = 0.25 gim,
for various initial void sizes.
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Figure 5. A schematic diagram of the model. The vacancy concentration gradient between
the void nucleus and the rest of the line causes vacancies to diffuse toward the void. The
stress is assumed to fall exponentially with time at x = R.
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Figure 6. Construction of the void growth rate for the model. The sphere solution is used
at t = 0 and the combination solution is used at longer times. A polynomial fit between the
two gives the growth rate at intermediate times.
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Figure 10. Comparison of the creep rate data of MacPherson and Dunn9 with the
normalized inverse time-to-failure predictions of the model. Ile peak in the creep rate is
well predicted assuming a deposition temperature of 210°*C.
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D. The Effect of Oxygen on the Thermal Stability of Sil.xGex
Strained Layers
D.B. Noble (Graduate Research Assistant)

The purpose of this work is to show experimentally that oxygen in LRP-grown
Sil-xGex films increases the annealing critical thickness of the layers. We suggest by
comparison of these results to those of others studying oxygen in elemental Si and by
theoretical modeling that the oxygen in the Sil.xGex layers may act as both a solid solution
strengthening agent and a dislocation locking atmosphere. The addition of oxygen (and
perhaps other elements known to strengthen Si such as nitrogen and phosphorous) to Sil-
xGex layers provides a method for stabilizing strained films against misfit dislocation

formation.

I. Introduction

Thermal Stability
Some of the first annealing experiments performed as part of this work involved a
comparison of the thermal stability of LRP layers containing 21% Ge with the thermal
stability of MBE layers containing 15% Ge. Figure 1 is a plot of misfit dislocation spacing
after annealing as a function of annealing temperature for the LRP and MBE films taken
from this work. Misfit dislocation formation is slower in the LRP layers compared to the
MBE layers, especially at lower temperatures, despite the larger Ge fraction in the LRP
layers. Subsequently, a 15% Ge-LRP film was grown to more closely match the MBE
layers in thickness and composition. Misfit dislocations were not found in this layer even
after annealing for 4 minutes at 850 oC. A point representing this experiment is also
included in Fig. 1. The large difference in thermal stability was attributed to either
additional dislocation nucleation sources in the MBE material or additional impediments to
dislocation formation in the LRP structures. The results presented in this report show that
the major reason for the difference is the high level of oxygen in the LRP films. The effect
of oxygen has been demonstrated experimentally and analyzed using standard theories for
strengthening mechanisms in crystalline solids. The results in our Sil.xGex layers are
consistent with the results of Surnino [1]., who studied the effect of oxygen in elemental
bulk Si, even though Sumino's oxygen levels were at least two orders of magnitude less
than those in the Sil.xGex films. It has been shown that 15 and 21% Ge LRP films with
low oxygen levels are also thermally more stable than the MBE layers mentioned above.
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Thus it is likely that a larger number of nucleation sources in the MBE material contributed

to the relatively easy dislocation formation kinetics in these films.

1000 ,

4 min. RTA
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* MBE 15%Ge
* LRP15%Ge
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Figure 1 Comparison of mean misfit dislocation spacing in 21% Ge LRP samples and

15% Ge MBE samples (courtesy of K. Wang, UCLA) for 4 minute rapid thermal anneals

at several temperatures. One data point for a 15% Ge LRP sample is shown for reference

(the arrow means the dislocation spacing was greater than what is indicated by the point).

Oxveen in LRP-jrown SiQ-Lilms
A brief description of oxygen incorporation into LRP Sil-xGex layers is given in this

section. More detailed information can be found in Hoyt et al [2]. At a given temperature
below about 900 OC oxygen incorporates more readily into SiI.xGex layers than into pure

Si or pure Ge films. For example, pure Si grown using dichloro-silane (DCS) at a

temperature of 700DC contained oxygen at a level below the detection limit of Secondary
Ion Mass Spectrometry (SIMS), which is on the order of 1017 to 1018 cm- 3. Sil.xGex

layers (0.15<x<0.40), on the other hand, grown under the same nominal conditions, using

56



DCS and germane, contained as much as two orders of magnitude more oxygen (between
5x10 19 and 2x1020 cm-3). Oxygen was not found in pure Ge layers grown at 625 OC
using germane. Thus, there appears to be a cooperative effect between DCS and germane
with regards to oxygen incorporation.

In addition to this synergism, there is a growth temperature effect which seems to be
active. For fixed partial pressures of reactant gasses the normalized rate of oxygen
incorporation into SiI-xGex films is approximately constant with increasing temperatures

between 625 and about 8000C (a normalized incorporation rate is used here because both
Ge fraction and film growth rate change with growth temperature if reactant pressures are
held fixed). Films grown at temperatures higher than 800 oC contain only trace amounts
of oxygen. The transition between high and low oxygen layers is apparently an abrupt
function of temperature which occurs over a temperature range of 50 °C or less. Oxygen
free SiI.xGex films can be grown in the LRP apparatus at temperatures above 800 oC.
Such high temperature growth is undesirable, however, because misfit dislocations form
readily at this temperature and growth of high Ge fraction alloys is not possible due to non-
planar film growth (islanding). These results point to the importance of understanding the
fundamental chemical processes in LRP (CVD) film growth and the importance of

controling impurity levels during film growth

Short of mastering the chemistry of oxygen incorporation during SiIxGex film growth, it

is important to produce high purity oxygen free layers grown at low temperatures for use in
materials studies and device fabrication. Potential sources of oxygen include water vapor
desorbing from the chamber walls, from the quartz wafer holder and from the upstream
plumbing and impurities in the source gasses themselves. Of these, the quartz reaction
chamber was thought to be the likely major source of oxygen containing species because of
its size (large surface area) and proximity to the wafer. The addition to the LRP apparatus
of a turbo-pumped manual load-lock chamber which allows wafers to be loaded without
exposing this quartz reaction chamber to the ambient was recently completed. The design
of the reaction chamber was not changed by the addition of the load-lock. This
modification has successfully reduced the background partial pressure of water and oxygen
in the system, enabling the growth of high purity SiI.xGex layers at low temperatures.
Figure 2 compares SIMS data for oxygen in SiIxGex films (x--0.21) grown at 625 OC

before,(a) and after,(b), the addition of the load-lock chamber. Similar results were obtain
for 14.5% Ge layers. Samples used in the SIMS analysis had a Si capping layer to avoid
problems associated with the measurement in the near surface region.
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Figure 2 Typical SIMS profiles for Sil-xGex (x=0.21) layers grown at 625 OC (a) before
the load-lock (2x10 20 oxygen atoms/cm 3 and (b) after the load-lock less than 4x10 17

oxygen atoms/cm 3). An interfacial oxygen peak is apparent but the oxygen in the bulk of
the Sil-xGex is less than the SIMS detection limit.
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For the purposes of this work the phrase "high oxygen" describes those Sil.xGex layers,

both 14.5% and 21% Ge, with oxygen contents of about 1020cm'3.grown without the lock-
lock. The term "low oxygen" refers to 14.5% Ge films with oxygen contents less than
2x10 17 cm-3 (SIMS detection limit) and 21% Ge layers with less than 3x10 18 cm-3

oxygen grown with the load-lock. The reason for the difference in definition for the two
germanium fractions in the low oxygen case is because, even with the lock-lock, oxygen
incorporates more readily into the 21% Ge layers than the 15% Ge films. To produce low
oxygen 21% Ge layers requires growing a Si buffer layer for at least 16 minutes prior to
Sii-xGex film growth compared to only a 4 min Si buffer layer in the 14.5% Ge case.

Using this buffer layer technique produced 21% Ge films with oxygen contents varying
from less than the SIMS detection limit to about 3x10 18 cm-3 . The growth of Si itself
plays an important role in reducing the background impurity concentration in the growth

chamber.

Although the detailed mechanisms of oxygen incorporation are still unknown, these results
indicate that the major source of oxygen in our LRP growth chamber is oxygen and/or
water desorbing from the quartz walls. Having reduced this source via the addition of the
load-lock chamber it should be possible to address other potential sources of oxygen such

as the gasses themselves.

2. Tbermal Stability Extrimnnts

Exririmental Apmach

The general goal of these experiments was to quantify the effect of oxygen on misfit
dislocation formation by comparing the annealing critical thicknesses of the high and low
oxygen Si .xGex layers. We showed previously that the annealing critical thickness was

defined as that strained layer thickness at a given Ge fraction below which misfit
dislocations were not observed to form after an anneal of 8500C for 4 minutes. This severe
annealing condition is a means of driving initially metastable films toward equilibrium.
Such an experiment requires both high and low oxygen layers of various thicknesses.
Hence, appropriate films were grown with Ge fractions of 14.5% and 21%. In each case
the film thickness was varied from one to about five times the Matthew's equilibrium
critical thickness (hc=about 135A and 250A for 21% and 14.5% Ge alloys respectively).
The resulting layers for the annealing experiments ranged from about 135A to 55oA for the
high and low oxygen 21% films and from 220A to 900A for the 14.5% layers and had few
if any misfit dislocations in the as grown condition. Film thicknesses and compositions
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were measured using RBS in a grazing angle geometry, with a scattering angle of 920.

Computer simulations were used to extract the film thickness and Ge fraction from the raw

spectra.

The anneals were carried out in a lamp heated rapid thermal annealing (RTA) furnace using

small pieces cleaved from the LRP wafers. Because of concerns about possible differences

in the number of misfit dislocation nucleation sources between high and low oxygen films,

large scratches were hand scribed into the Sil.xGex layers in each sample to make

nucleation equally easy in all cases. Prior to annealing the scribed samples were prepared

using a modified RCA clean followed by a dip in a dilute solution of hydrofluoric acid

(HF) and water. TEM specimens were prepared from the annealed samples using standard

methods and examined using either the conventional TEMs available at Stanford or the

HVTEM. In some cases x-ray topography was employed to confirm the results from the

TEM experiments. The intent of these examinations was to determine whether or not misfit

dislocations formed in the samples during the severe anneal and not to quantify the amount

of dislocation formation by measuring average misfit dislocation spacings. In some cases it

was necessary to examine more than one TEM specimen to reach the correct conclusion.

For example in several specimens, misfit dislocations were not present far removed from

the scratch but were evident in large numbers immediately adjacent (within 100 microns) to

this region of crystalline damage. X-ray topography may also be misleading in the case of

dislocations such as these close to the scratch.

It is important to note that oxide precipitates were not observed in any of these samples

either prior to or after annealing. Most of the oxygen apparently remains in solution.

Oxygen rich precipitates were observed, however, in some of our boron doped Sil.xGex

layers (not part of this experiment) after annealing for 60 hours at 9000C. These

precipitates were often found at the intersection of orthogonal misfit dislocations at the

hetero-interface. Heterogeneous nucleation was probably favorable in such areas. Clear

signs of interactions between dislocations and precipitates were also observed. It is likely

that one reason precipitates were not found in the layers used in the present experiments is

due to a lack of nucleation sites.
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The Annean Critcal Thickness
Figure 3 summarizes the TEM data from the annealing experiments for both the high and
low oxygen Sil.xGex layers. For the high oxygen films, no misfit dislocations were found

in either 14.5% or 21% Ge layers as thick as two times the equilibrium critical thickness
(Fig. 3 (a)). In contrast, misfit dislocations were found in the low oxygen layers at
thicknesses very near the equilibrium values (Fig. 3 (b)). Care should be taken in
interpreting this data because there are limits to the resolution of the TEM and x-ray
topography for defining the yes/no dislocation transition. In addition, limitations exist in

the RBS measurement of film thickness and Ge fraction. Such experimental errors when
compounded make it difficult to conclude that the low oxygen layers exactly match the
predictions of equilibrium theory. On the other hand, the large increase in thermal stability
observed in the high oxygen films cannot be explained by these experimental uncertainties.

Misfit Dislocation Velociy
In situ heating experiments in the HVTEM were performed on the samples represented by
the various data points in Fig.3 (a) and (b). Observations during in situ annealing were

consistent with the results of the RTA furnace anneals/lEM examination experiments
described above. Misfit dislocation formation was not observed in high oxygen films of
thicknesses less than about two times the equilibrium critical thickness, whereas dislocation

activity was evident in the low oxygen layers at thicknesses very near the equilibrium
values. In addition, misfit dislocation velocity measurements were possible in many cases.
Figure 4 shows the results of these measurements for the high and low oxyen layers:(a)

14.5% Ge films and (b) 21% Ge layers. The low oxygen films have consistently higher
velocities than the high oxygen layers. We conclude therefore that the presence of oxygen
substantially slows misfit dislocation propagation velocities in the LRP Sil.xGex layers.

This is strong evidence that the oxygen acts as a solid solution strengthening agent in the
strained films. Solid solution strengthening and other possible explanations of how the
oxygen interacts with the dislocations will be discussed briefly below. A more complete
treatment of this subject will appear in Noble's dissertation and in the papers that will be

published from his work.
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Figure 3 Thermal stability plots for (a) high oxygen films and (b) low oxygen layers.
Shaded squares represent layers in which misfit dislocations were found after annealing at
850 oC for 4 minutes. Open squares signify films in which no misfit dislocations were
found after the same anneal. The solid line represents the predictions of equilibrium
theory. The high oxygen layers are about two times (dashed line) as stable as predicted by
the theory, whereas the low oxygen layers match the theory very well.
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Figure 4 Misfit dislocation velocity measurements for (a) 14-16% Ge samples with both

high and low oxygen contents. The presence of a high level of oxygen in the Sil-xGex

layers substantially slows misfit dislocation propagation.
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Figure 4 Misfit dislocation velocity measurements for (b) 21-22% Ge layers with both

high and low oxygen. The presence of a high level of oxygen in the Sil-xGex layers
substantially slows misfit dislocation propagation.
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3. Oxygen Strengthening Mechanisms

Before we consider possible explanations for how oxygen may strengthen the
Sil-xGex layers, we must first investigate the possibility that oxygen reduces the

equilibrium lattice parameter of the films and thereby reduces the strain which is driving

misfit dislocation formation. This idea is analogous to strain compensation by boron in Sil.
xGex. X-ray double crystal rocking experiments were performed to measure the lattice

parameter of the strained layers perpendicular to the hetero-interface for both the high and
low oxygen films. This data can be converted to an equivalent Ge fraction in the layer using

standard elastic constants. Germanium fractions measured in this way match those found

using RBS to within 1 atomic percent Ge. We conclude that the oxygen does not

substantially reduce the amount of strain in the high oxygen layers. Another way to think

of this result is to ask the question: how much strain (Ge fraction) reduction would be

necessary to explain the observed increase in thermal stability ascribed to the oxygen?

Based on a 2x increase in film thickness required to cause misfit dislocation formation , the
high oxygen 14.5% Ge films behave like equilibrium theory predicts 7% Ge layers should

respond to severe annealing. In the same way 21% Ge high oxygen films act as though
they were 12% Ge layers. The possible I percent Ge fraction difference measured by X-

ray analysis and RBS is not nearly enough to explain the thermal stability enhancement.

Solid Solution Strengthening
The measured velocity difference between high and low oxygen containing Sil-xGex layers

is strong evidence that either dissolved oxygen or oxide micro-precipitates impede the

motion of the misfit dislocation threading arm in the films with high oxygen content. Since

micro-precipitates have not been observed, we will assume for the purpose of this analysis

that all of the oxygen is uniformly distributed in solid solution. A simple solid solution
strengthening model can then be used to predict a retarding stress due to the oxygen acting

on the dislocation threading arm. This predicted retarding stress is in turn compared to the

experimentally measured retarding stress in the high oxygen films. To make such a
comparison possible the experimental data, which is in terms of an additional film thickness

necessary to cause misfit dislocation formation, must be translated into an equivalent

amount of stress by utilizing the concept of effective stress from our earlier work. We have

found that the prediction of the model matches the experimental result quite well.
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The formation of an oxvyen atmosphere during RTA of SijL..filmn

Following the analysis of Cottrell , we can study the accumulation of oxygen atoms along
the dislocation threading arm in the Sil-xGex layers during the initial stages of the rapid

thermal anneal given to the specimens to cause misfit dislocation formation. If we assume
that the misfit dislocation threading arm is stationary, we can calculate the number of
oxygen atoms which accumulate for a given thermal exposure. We have used standard
methods to calculate n(t), the number of oxygen atoms which have accumulated along a
unit length of dislocation at a given time. Having calculated values of n(t) we then need to
to determine whether the predicted amount of accumulated oxygen is enough to constitute a
locking atmosphere. The simplest way of doing this is to realize that 1/n(t) = L, where L is
the average distance between oxygen atoms along the misfit dislocation threading arm.
This obstacle spacing permits an estimate of the retarding stress due to the oxygen

atmosphere for comparison to the experimentally measured retarding stress of 160 MPa.
Following this method, predicted retarding stresses from oxygen solute atmospheres have
been calculated. We note that L for a uniform distribution of 2x10 20 oxygen atoms is about
60A. The predicted value of L from the present calculations is much greater than 60A
except in the last 6 seconds of the heating ramp in a typical experiment. This indicates that
a substantial atmosphere of oxygen forms only at temperatures of 600 OC and greater.
Unfortunately, this is also the temperature range in which misfit dislocations start to move
at substantial velocities. Therefore, from these calculations, we conclude that the
competition between the formation of a locking oxygen atmosphere and dislocation
propagation is close. It is not unreasonable to expect that the dislocation locking process
could win out. Based on Sumino's results in elemental Si and the above analysis, it seems
possible that dislocation locking by oxygen atmospheres could explain the enhanced

thermal stability observed in the Sil.xGex layers.

4. Nitrogen and Phosphorous Atmospheres

Sumino et al. have observed that in addition to oxygen, both nitrogen and phosphorous
can strengthen elemental Si by the formation of locking Cottrell atmospheres. Based on
this observation, we believe it may be possible to add nitrogen or phosphorous to Sil.xGex
films resulting in strained layers with enhanced thermal stability. At first glance,
phosphorous would seem an ideal candidate since it is an n-type dopant for Si and Sil.

xGex. Unfortunately for many device applications a Sil.xGex layer with heavy p-type
doping is required. Another reason why phosphorous may not work in Sil.xGex films is
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because about an order of magnitude more phosphorous than oxygen is required to achieve

the same amount of strengthening in elemental Si. If the same trend were followed in Sil.

xGex layers, about 1021 phosphorous (- 7%) would be required for the same amount of

strengthening due to 1020 oxygen atoms/cm 3. Achieving such high doping levels is

probably difficult if not impossible. On the other hand, only about 1/20th as much nitrogen

as oxygen is required for comparable strengthening in Si. This suggests that only 5 x10 18

nitrogen atoms/cm3 may result in the same thermal stability enhancement as 1020 oxygen

atoms/cm 3 in Si I-xGex layers.

5. Summary and Conclusions

The presence of 2x1020 oxygen atoms/cm 3 in LRP-grown Sil-xGex layers greatly enhances

the thermal stability of these films. Since the oxygen does not substantially change the

strained lattice constant of the layers, it is likely that the movement of the misfit dislocation

threading arm is impeded by dissolved oxygen or oxygen micro-precipitates. Both solid

solution strengthening by oxygen and dislocation pinning by Cottrell atmospheres of

oxygen appear to be reasonable explanations of the experimental observations. More

experimental information is required to distinguish between these two mechanisms. The

addition of nitrogen or phosphorous as well as oxygen to Sil.xGex layers may provide a

method to impede misfit dislocation formation during high temperature annealing without

reducing the strain and associated bandgap discontinuity in the films. The thermal budget

for post-growth processing of these layers is increased due to the presence of oxygen.

Two other methods for slowing the formation of misfit dislocations are presented in the

next two chapters of this work.
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